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New solid state electrolytes are becoming increasingly sought after in the drive to replace
flammable liquid electrolytes. To this end, several Li conducting solids have been identified as
promising candidates including Li stuffed garnets and more recently Li-rich materials such as
Li1+xAlxTi2−x(PO4)3 with 0.3<x<0.5. However, the structure/property relationships of LATP are
incredibly sensitive to synthesis conditions and therefore challenging to optimise. In this joint com-
putational and experimental investigation, we examine the structural sensitivities by modelling the
site occupancies at varying temperature, which clarifies previously reported discrepancies of the
crystal structures. Furthermore, we investigate the Li ion transport properties which have not re-
ported computationally before. We confirm from our simulations that the migration pathway only
involves the M1(6b) and M2(18e) site, in excellent agreement with the neutron diffraction data,
clarifying all past controversies regarding the Li ion occupancies in LATP. Interestingly, we cal-
culate low migration barriers (0.3eV) in line with experimental findings but also show evidence
of Li ion trapping on Al doping in LATP (where x=0.4), possibly explaining the experimental ob-
servation that the Li ion conductivity does not improve above x=0.3, due to a stronger repulsion
between Li+–>Ti4+ compared to Li+–>Al3+. Furthermore, our calculated ionic conductivities are
in excellent agreement with experimental values, highlighting the robustness of our computational
models.

1 Introduction

Li-ion batteries have been very successful in the small portable
electronics market, however safety concerns and the desire to re-
place the flammable liquid electrolytes currently used have limited
their commercialization as large scale grid storage applications.
The use of a solid state electrolyte in a lithium battery is a promis-
ing alternative that would address the concerns over safety and en-
ergy density. To this end, Li1+xAlxTi2−x(PO4)3, henceforth referred
to as LATP, has been reported with encouraging bulk properties;
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for example its electrochemical window of 2.4 V1 and stability
versus water,2 coupled to its encouraging lithium ion conductiv-
ity (between 10−4 and 10−3 S cm−1),3,4 make it one of the most
promising candidates under consideration for the the next genera-
tion of all-solid-state lithium ion batteries.

LATP crystallizes in the NASICON-type structure with space
group R3̄c.5 The structure is derived from LiTi2(PO4)3 (henceforth
referred to as LTP), where x Al3+ ions replace x Ti4+ ions. This al-
lows an additional x Li+ ions to be added to the structure, thereby
increasing the lithium concentration relative to the LTP structure.
The positions of the extra lithium ions is not trivial as common
characterization techniques such as X-ray diffraction and neutron
diffraction have shown varying sites of the Li+ ions and different
site occupancies leading to the assumption that the Li ion distribu-
tion in the NASICON lattice depends on the thermal history of the
material.6

Dashjav and Tietz7 reported an LATP structure in which the Li1
site (labeled M1), with fractional coordinates (0,0,0) and Wyck-
off symbol 6b, is fully occupied. The M2(18e) site at (0.64525, 0,
0.25), proposed to be a bridging site between the M1(6b) sites has
also been reported.8 However the structure of Dashjav and Tietz
showed that the additional x lithium ions reside in a M1

′
(6a) site
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2 METHODOLOGY

located at (0, 0, 0.25). The final site that has been discussed in the
literature is the M3(36f) site at (0.63667, 0.01333, 0.27333),9

which lie on either side of the M2(18e) positions, and therefore
have been considered equivalent to the M2(18e), shown in fig-
ure 1. Additional lithium (above x = 0.3) can be incorporated
on the M2(18e) site,7 but the space group changes to R3̄.10 The
lithium conductivity is known to increase markedly as x is in-
creased from 0.0, exhibiting a maximum when 0.3<x<0.5,11–13

indicating a dependence on materials processing and hence ma-
terials quality due to a significant impact of the grain boundaries
on the total conductivity.14 As a comparison, the maximum bulk
conductivity was found at x = 0.4 measured on single crystals.15

Previous work on the mechanism of lithium diffusion in LATP
has used techniques such as X-ray and neutron diffraction,9,10

impedance spectroscopy and 7Li NMR.16 Arbi et al.10 compare
this data to that which would be predicted from the difference
bond valence analysis, and conclude that the Li diffuses with local
minima at the M3(36f) sites, and has a total barrier of 0.33 eV,
in excellent agreement with our modelling results discussed fur-
ther on in the paper. Arbi et al.10 also deduced the structure of
LATP from neutron diffraction and performed 7Li NMR at different
temperatures to observe that Li is diffusing, but did not calculate
explicit numbers. However,the same group previously used NMR
and impedance spectroscopy16 and reported that substitution of
LTP with Al greatly increases Li diffusion, ascribing this to M1(6b)
site occupancies.

Earlier computational studies, using Density Functional Theory
(DFT) to calculate diffusion barriers and the influence of substitu-
tions of titanium atoms, calculated an activation energy barrier for
Li vacancy diffusion of 0.41 eV in LTP, and by including an extra Li
ion, an interstitial migration barrier of 0.19 eV.8 However, it was
also reported that Li is trapped by the introduction of Al dopants.8

Nuspl et al.17 performed molecular dynamics calculations on
this material and observed Li ions moving to new sites within the
first 100 ps. Using the Connolly surface analysis the authors see a
typical pathway with an energy barrier between M1 and M2 sites
of around 0.3 eV.

In this joint computational and experimental paper we study the
crystal structure, and clarify the Li ion positions with respect to
sensitivities to synthesis conditions, which have been controversial
in the literature. More importantly the computational studies
elucidate the Li ion diffusion, in particular the migration pathways
and barriers. All of which corroborate exceptionally with observed
experimental data.

2 Methodology

2.1 Computational Modelling

Interatomic potential calculations were based on the Born model
of ionic solids where long and short-range pairwise terms are used
to describe the Coulombic, Pauli repulsive and Van der Waals inter-
actions. In this study, the short-range Buckingham potential was
employed:18

Φi j (r) = A exp
(
− r

ρ

)
− C

r6 (1)

Fig. 1 Schematic slice of the LATP crystal structure for visualisation of
conduction paths. The LiO6 polyhedra are shown in yellow, the PO4
tetrahedra in purple and the (Ti,Al)O6 octahedra in grey. Three different
atomic sites for Li atoms are shown as green, red and cyan for M1 (6b),
M1

′
(6a) and M2 (18e) sites, respectively. Thick green and black lines

indicate two parallel running zig-zag chains of -M1-M2-M1- connection
paths, which are lying on the (114) plane (shown in light green). The real
conduction path has an S-shaped curvature as indicated by the blue
arrows. It is worth noting that LATP measured at 573 K only has M1 and
M2 Li sites occupied, whereas LATP measured at 298 K shows
occupancy of all three different Li sites. The M1 site, also located within
the (114) plane, is connected with two M2 sites here accentuated as red
sticks and resulting in a conduction path M2-M1-M2-M1 by combining Li
sites from higher and lower lying parallel planes. The shorter interatomic
distance of 3.11 Å of M1-M2 is obviously more favorable for the Li
conduction than that of 3.42 Å of M1-M2
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2 METHODOLOGY 2.2 Experimental

In this equation, Φi j is the Buckingham potential energy emanat-
ing from the interaction of ions i and j at a distance r. The terms
A, ρ and C are the interaction specific potential parameters. Buck-
ingham interactions were omitted for cation-cation interactions in
this work. Oxide ion polarizability was included using the Dick and
Overhauser shell model.19 Interatomic potential based (PB) static
lattice calculations in this work were conducted using the Gen-
eral Utility Lattice Program (GULP).20,21 These methods have been
commonly employed to investigate ceramic materials, numerous
examples of which can be found in literature. The phosphate po-
tential was taken from Islam et al. 22 and its Buckingham terms
were fixed, as were the partial charge and spring constant for the
oxygen shell model. The phosphate model was simplified, with no
measured loss in accuracy, by removing its shell and three-body
terms. This model was selected as it has been previously used to
study the common cathode material LiFePO4.23

To derive parameters for the remaining interactions, a quasi-
random Sobel sequence based search was conducted.24 In a
typical run, tens of thousands of parameters were calculated, the
structures optimised and ranked according to a metric based on
reproducing experimental or DFT optimised bond and unit cell
lengths. The best parameters were re-optimised with a simplex
algorithm. This routine generates parameters for the Ti4+–O2−,
Li+–O2−, O2−–O2− interactions by fitting to LTP.25 This was
supplemented by an Al3+–O2− potential by fitting to Al2TiO5.26

As Al2TiO5 is a disordered structure, the fit was measured
with respect to two configurations which had been optimised
with DFT (using the PBE functional) via the VASP program.27

These potentials optimise the structures to stable minima, with
positive phonons, and are also valid for common binary oxides of
aluminium and titanium. Differences in the unit cell and bond
lengths along with details of the DFT calculations are given in the
supplementary material. The final interatomic potential model is
presented in table 1.

Table 1 The interatomic Buckingham potentials used in this work. All
interactions are through the shell particle of oxygen, which has a charge
of -2.86 atomic units, and is coupled to the core via a harmonic spring
with a force constant of 65.0 eV Å−1.

Species A (eV) ρ (Å) C6 (eV Å6)
O2−–O2− 12759.2067 0.2174 29.9751
P5+–O2− 897.2648 0.3577 0.0
Li+–O2− 970.8187 0.2663 0.0
Ti4+–O2− 6622.3671 0.2545 0.0
Al3+–O2− 1761.2076 0.2922 0.0

The interatomic Buckingham potentials selected to model LATP
in this work (listed in Table 1) produce an acceptable fit (within 2
%) to the previous experimentally determined structures,7 as well
as the refined structures reported in this work, see supplementary
information for full experimental structures.

A comparison of the experimental and calculated LATP struc-
tures are listed in table 2. Our interatomic potentials yield elastic
modulus between 74-104 GPa. Our experimentally measured elas-
tic modulus ranges from 70 - 100 GPa, depending on the density

of the samples. In comparision to experimental elastic modulus
reported in the literature 81-115 GPa.? As our caluclated elastic
moduli are within both our measured experimental range and liter-
atures, this strengthens the confidence in our interatomic potential
model. Furthermore, the interatomic potentials also yield models
that are in good agreement with the experimentally determined
structures for Li4Ti5O12,

28 Al2TiO5
26 and LTP,25 see supplemen-

tary information for details. The transferable nature exhibited by
the selected potential model, listed in table 1 strengthens the jus-
tification for its choice.

Classical Molecular dynamic (MD) simulations using the
interatomic potentials discussed above were performed using
DL_POLY classic29 on three 5×5×2 supercell configurations, each
containing 5522 atoms. Each configuration’s structure was based
on that reported by Dashjav and Tietz 7 . Al↔Ti substitutions
and Li insertion sites were selected according to a Sobol quasi-
random number sequence.24 Systems were equilibrated at zero
Kelvin to remove any excess energy before simulating using an
isobaric-isothermal ensemble (NPT, where the temperature and
stress applied were kept constant). The Berendsen thermostat
was used with a 0.2 ps relaxation time, to permit thermal expan-
sion. Final production runs were carried out using a canonical
ensemble (NVT, where the temperature and volume were fixed)
at a pressure of 1.0 atm for 3.0 ns using the Nosé-Hoover (0.5
ps relaxation time) thermostat with a time-step of 0.5 fs and a
50 ps equilibration period. Five target temperatures, from 273
to 573 K in steps of 75 K were simulated, in each the trajec-
tory snapshots were written every 0.5 ps. All simulations used
the Verlet-Leapfrog integrator and an 12 Å short range force cutoff.

In order to quantify the displacement of lithium ions over
time, the diffusion coefficients (D) were calculated from the mean
squared displacements (MSD, 〈[∆~r(t)]2〉) via equation 2 using a
module from the PyMatGen package.30

D =
MSD

6t
(2)

The occupancies of the Li sites were calculated by assigning each
Li+ ion to its nearest site of relevant type, averaging over snapshots
taken every 0.5 ps. This was made computationally tractable by
using the k-d tree algorithm in the package scikit-learn.31

2.2 Experimental

LATPx samples with x = 0.3, 0.4, and 0.5 were prepared by a sol-
gel method described previously.12,32 Neutron powder diffraction
(ND) measurements were performed on the time-of-flight (TOF)
powder diffractometer, POWGEN, located at the Spallation Neu-
tron Source at Oak Ridge National Laboratory. The data were col-
lected with neutrons of central wavelengths 1.333 Å and 2.665 Å
covering the d-spacing range of 0.45-6.2 Å and 1.15-10.5 Å , re-
spectively. For the ND measurements, approximately 2 g of each
sample was loaded in a vanadium can of 10 mm diameter and
data were collected at temperatures of 300 K and 600 K for each
sample. The ND patterns were refined with the program Jana2006
using TOF pseudo-Voigt functions with back-to-back exponential
functions and using the profile function of POWGEN. The back-
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3.1 Structural Refinements 3 RESULTS AND DISCUSSION

ground was interpolated between manually set points. During the
final cycles of the refinement, the occupancy factors of Ti and Al
were constrained to add up to full occupation. Their thermal dis-
placement and position parameters were constrained to be equal.
The thermal displacement parameters (TDP) of Li atoms on Li1
and Li2 sites were also constrained to be equal. The TDP and site
occupation factors (SOF) of Li atoms were refined in alternating
cycles until convergence was reached (< 0.1% difference between
cycles).

3 Results and Discussion

3.1 Structural Refinements

As discussed in the introduction the structure of LATP is some-
what controversial. In this paper, computational modelling cou-
pled with experimental synthesis and characterisation results will
be discussed to address the discrepancies reported in the literature.

The structure refinement based on ND data results in unit cell
parameters and distances, especially within the polyanionic frame-
work, that agree well with the results of PB (potentials-based) and
DFT calculations, as well as structures published in the literature,
see table 2.

Table 2 Lattice parameters (a, b, c) and nearest cation–oxygen
interatomic distances are given for structures optimized using the
interatomic Buckingham potentials-based (PB) model and DFT (PBE
functional). Li1 represents the (M1(6b)) and Li2 is the (M1

′
(6a)) 7 or the

(M2(18e))thiswork Data obtained from this work are for x=0.3 at 300 K.

PB model DFT Expt.7 Expt.
(this work)

a (Å) 8.423 8.610 8.511 8.507
b (Å) 8.423 8.610 8.511 8.507
c (Å) 21.613 21.072 20.828 20.833
Al–O (Å) 1.824 1.867 1.883 1.895
Li1–O (Å) 2.259 2.231 2.268 2.270
Li2–O (Å) 1.962 1.955 2.025 1.800
P–O (Å) 1.567 1.537 1.525 1.525
Ti–O (Å) 1.881 1.920 1.883 1.895

When all Li site occupancies are refined, at 300 K, the Li1 site is
(almost) fully occupied, and additional Li+ ions are randomly oc-
cupying a fraction of the 36f sites. This behavior was also observed
by Redhammer et al.15 Occupation of the M1’ (6a) site with Li pre-
viously found by Dashjav and Tietz could not be observed based on
the current data. Upon increasing the temperature to 600 K, the
population of Li2(18e) sites increases at the expense of the Li1
sites. The TDP of Li tends to increase with increasing x, but does
not change with increasing temperature. This is rather unexpected
and, together with the absence of a clear trend in Li distribution,
can be attributed to the correlation between SOF and TDP, which
cannot be resolved based on ND data.

While ND should in principle be able to determine the position
of Li+ ions, the particular case of LATP is rather challenging. The
distribution of Li among the different crystallographic sites seems

to depend on the preparation route, making it difficult to com-
pare different data sets in the literature and our own experiments.
Furthermore, the strong correlation between SOF and TDP makes
it difficult to refine either of these parameters accurately. Unfor-
tunately, it is just the combination of these two parameters that
reflects the static and dynamic disorder in the LATP structure. De-
spite these known issues, in this work the positions, SOF, and TDP
are refined in order to study the influence of the substitution pa-
rameter x and temperature on the distribution of Li+ ions in the
structure. Additional structure refinements were carried out where
the M1 site is fully occupied as indicated by the MD and DFT cal-
culations. The results are summarized in table 3. Full results of the
structure refinement in CIF format are available as supplementary
material.

When the SOF of the Li1 site is fixed to full occupation as sug-
gested by MD and DFT calculation (and in agreement with Red-
hammer et al.15), the fraction of Li on the 18e or 36f site is given
by the chemical composition as described by the substitution pa-
rameter x. Again, there is no evidence for Li on the M1

′
(6a) site.

Two refinements were carried out for each composition and tem-
perature, one with Li on the 18e site (Li2) and the other one with
Li on the 36f site (Li3). Both refinements in each case result in
the same framework structure within the respective standard de-
viations and provide an equally good fit to the experimental data
as indicated by the residuals of the refinement. The resulting TDP
are the same with the exception of the data set with x = 0.4 at
600 K. However, a large TDP and a split atom position are essen-
tially describing the same type of disorder or dynamics. Therefore,
the more symmetric 18e site can be used to describe the average
structure in the present case.

Although the structure refinement is able to determine accurate
positional parameters especially for the polyanionic framework
with good agreement between data presented in this work, litera-
ture data, and results from DFT calculations, the distribution and
the dynamics of the Li+ ions in the structure remains controversial
and to some extent arbitrary depending on the chosen constrained
or fixed parameters. This is the point where MD simulations can
provide additional insight. The open questions that require a com-
bined experimental/modeling approach are as follows:

• Do the structure models really display the dynamics of Li mo-
tion? Is the SOF more than just an occupation probability
averaged over the time of the measurement?

• Can a modeling approach give more details on the dynamics
and serve as guideline for a better crystallographic model?

• Does a structure model with validated (modelled) input data
give better results in terms of goodness of fit and remaining
nuclear density?

In order to elucidate the Li+ positions as a function of temper-
ature, MD simulations were setup using the previously reported
structure7 as a guide thereby starting with approximately 0.7 Li1
(6b) and 0.3 Li1 (6a) sites occupied, see figure 3.

Each of the configurations used in this study started with partial
occupancy of the M1′(6a) sites. It can be seen from figure 3
that as the temperature increases the Li+ ions move from the
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Table 3 Site occupation factors of the Li sites and thermal displacement parameter of Li in the crystal structure of LATP determined from ND data. In
the case of the refinements with fixed Li site occupancies, extra Li atoms were placed on either the 18e or 36f sites.

x = 0.3, x = 0.3, x = 0.4, x = 0.4, x = 0.5, x = 0.5,
T = 300 K T = 600 K T = 300 K T = 600 K T = 300 K T = 600 K

Site Refinement including Li site occupancies
Li1 (6b) 0.98 0.81 0.85 0.70 0.71 0.77
Li2 (18e) 0.04 0.08 0.09 0.12 0.13 0.12
TDP (Li) 0.064 0.0663 0.082 0.082 0.110 0.084

Refinement with fixed Li site occupancies
Li1 (6b) 1 1 1 1 1 1
Li2 (18e) 0 0.1 0 0.1 0 0.133 0 0.133 0 0.167 0 0.167
Li3 (36f) 0.05 0 0.05 0 0.067 0 0.067 0 0.083 0 0.083 0
TDP (Li) 0.085 0.09 0.09 0.09 0.16 0.16 0.08 0.14 0.08 0.08 0.12 0.12

(a)

(b)

Fig. 2 Computed integrated radial distribution functions for Ti–Li, Al–Li
and Li–Li coordination a) 273 K and b) 573 K showing the trapping effect
of Al on Li.

Fig. 3 Computed fraction of Li+ on the M1(6b), M1′(6a) and M2(18e)
sites in LATP as a function of temperature.

M1′(6a) sites to the M2(18e) sites, while the M1(6b) site fractions
remain relatively unchanged. For M2(18e) sites, a correlation
between occupancy and proximity to Al3+ ions is demonstrated
in figure 2. M2(18e) sites which are closer to an Al3+ ion are
likely to have higher occupancies. This agrees with work by
Lang et al. 8 who showed that Li+ sites neighbouring Al3+ ions
are lower in energy than other locations in the unit cell i.e.
clustering. This maybe due to a stronger repulsion between Li+

and Ti4+ compared to Li+ and Al3+ ions. We use this data to
improve our experimental structural refinements shown in table 3.

The total Li+ positions from all snapshots during the simulation
from the 5×5×2 supercell are superimposed and evaluated.
This elucidates the Li ion diffusion pathway (discussed in detail
below) but more importantly maps the changes in favoured site
occupancies. At low temperatures (273 K), Li+ density remains
primarily on the starting M1(6b) and M1′(6a) sites, see figures 3
and 4. M1(6b) sites present higher occupancies and show wider
a and b-axial vibrational motion than the M1′(6a) sites. At higher
temperatures (573 K) however, the connectivity between M1(6b)
and M2(18e) sites can be seen (figure 5) and Li+ migration events
involving M1′(6a) sites account for only ∼0.4 % of all observed
site-to-site jumps, whereas M1(6b)-M2(18e), M2(18e)-M2(18e)
and M1(6b)-M1(6b) site jumps account for around 50, 33 and
16 % of all observed jumps, respectively. The three dimensional
network matches images proposed by investigating the Connolly
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3.1 Structural Refinements 3 RESULTS AND DISCUSSION

Fig. 4 Computed lithium ion pathways in LATP at a) 273 K and b) 573 K. The Li, Al and Ti sites are shown in green, orange and blue, respectively.
The PO4 tetrahedra are shown in purple. The leftmost picture in a) and b) shows a zoomed out view, to show the scale of the Li+ diffusion within LATP.
The middle and rightmost pictures of a) and b) are zoomed in to the highlighted sections for a more detailed look.

Fig. 5 Lithium ion pathways in LATP. a) shows 2D slices of the observed Fourier map for LATP x=0.4 samples at two different temperatures (300 and
600 K). The Miller indices of this plane are (1 1 4), which goes directly through the Li atoms. The dashed line indicates the linear connection path
between the Li1 and Li2 atoms. We can see some Li nuclear density along the dashed lines, which is greater at 600 K than at 300 K. b) shows the
corresponding slice taken from molecular dynamics studies, at 273 and 573 K respectively, demonstrating matching Li distributions. Once again, the
dashed line indicates the Li diffusion pathway. Li and O atoms are green and red respectively. PO4 tetrahedra are represented by the purple
polyhdedra.
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3 RESULTS AND DISCUSSION 3.2 Li ion diffusion

surface (Nuspl et al. 17) and by generating the density from
diffraction experiments (Monchak et al. 9), and this study reaf-
firms that this is the pathway of Li+ in LATP.

To investigate the energetics of the different lithium sites, ab
initio calculations were performed and then compared to force
field optimisations of the unit cell with displaced lithium atoms.
These results, presented in table S5, show that an additional
lithium placed at the M2(18e) site in LTP is lower in energy
than one placed at the M1′(6a) sites. To investigate the influ-
ence of substituting aluminium and lithium for titanium, the com-
position Li1.17Al0.17Ti1.83(PO4)3 was defined by creating six cells
with M1′(6a) sites occupied and one cell with additional M2(18e)
sites occupied. Again, the M2(18e) site is much lower in energy,
whether optimised with force field or DFT. While extensive sam-
pling would be required to permit complete analysis, the magni-
tude of the energy differences engenders confidence in these re-
sults as it is far greater than kbT over the simulated temperature
range. These DFT results back up our assertion that lithium will
favour M2(18e) sites over M1′(6a) positions. These results also
help quantify errors in the force field: energetic ordering trends are
maintained, but energy magnitudes are exaggerated by the force
fields, with respect to DFT. The Li+ on the M1’(6a) occupation
pattern is unstable, but could be kinetically favoured by certain
synthesis conditions perhaps.

3.2 Li ion diffusion

It has been found that Li+ ion conduction in LATP strongly in-
creases with x up to x = 0.2, but does not offer much improvement
from 0.3 to 0.5.10,12,15 It was proposed that this is due to the for-
mation of secondary AlPO4 and Li4P2O7 phases at the surface of
the LATP particles.16 As this behaviour will not be encountered in
simulations, a x value of 0.4 is therefore selected to ensure suffi-
cient Li+ ion sampling. There are different Li conduction mecha-
nisms active in a polycrystalline sample: bulk conductivity, grain
boundary conductivity, other phases. The present study focuses on
bulk conductivity and the underlying conduction pathway. From
experimental data, x=0.4 is (close to) the maximum Li content and
therefore this concentration was selected for the MD simulations.
The higher Li compensating defects also meant that meaningful
statistics could be gathered for realistic timescales.

From our MD simulations we confirm that no phase changes are
observed during simulation and only the Li+ ions diffuse, which
agrees with the NMR study carried out by Epp et al. 4 , (see figure
S1).

In the NMR study by Epp et al.4 it is suggested that the diffusion
data is best fitted by proposing two fast diffusion events, with diffu-
sivity coefficients of 3×10−9 cm2 s−1 and 5×10−8 cm2 s−1 at room
temperature. This again agrees with diffusion coefficient 5.5×10−9

cm2 s−1 calculated at 273 K from the MD simulations conducted in
this work. The calculated Li+ ion distribution along the ion path-
way is compared to the corresponding distribution derived from
ND data in figure 5. Fourier maps clearly show the observed nu-
clear density at 300 K and 600 K in the (11̄4̄) plane, which contains
the Li1 and Li2 positions.The pathway is analysed by looking at the

Fig. 6 Li+ ion axial MSD values averaged over all LATP systems plotted
as a function of time. Recorded at 273 K (solid lines) and 573 K (dashed
lines).

nuclear density figure 5a or snapshots of the Li ion positions from
MD, figure 5b. At 300 K, the density around Li1 is smeared from
the 6b position. The density peak corresponding to Li2 is weak due
to the low population of this site. At 600 K, the smearing of nu-
clear density around Li1 is more pronounced, the peak intensity at
the Li2 site is higher (in agreement with the higher SOF), and the
additional density on the dashed line appears. These observations
are reflected by the MD results as indicated by the distribution of
Li+ ion positions shown in figure 4-b.

Table 4 Diffusion coefficients and bulk conductivity for Li+ ions in LATP
as a function of temperature. Bulk conductivity calculated using the
Nernst-Einstein equation, σ = DNq2/ f T kB , where D is the diffusion
coefficient, N is the number of Li ions per m3, q is the charge on an
electron, f is the Haven ratio, T is the temperature and kB is the
Boltzmann constant. The Haven ratio is calculated to be 0.222, based on
an average Li+—Li+ coordination of 2.57 and the assumption of
uncorrelated vacancy site migration, which is likely to be valid at lower
temperatures. 33

Temperature Diffusion Coefficient Bulk Conductivity
(K) cm2 s−1 S cm−1

273 2.600 x10−9 4.478 x10−4

348 1.950 x10−8 2.635 x10−3

423 1.478 x10−7 1.643 x10−2

498 7.858 x10−7 7.420 x10−2

573 1.715 x10−6 1.408 x10−1

Axial mean squared displacements for Li+ ions in LATP at 273
and 573 K are plotted in figure 6. At low temperatures ion trans-
port in the a and b axial components are more dominant, which is
consistent with the asymmetry in the lithium density at the M1(6b)
sites, see figure 4-a. At higher temperatures, c-axial diffusion be-
comes more dominant, at which point the diffusion coefficient in-
creases linearly with temperature, as shown in figure 7. From the
Arrhenius equation, an activation energy of 0.303 eV is calculated,
which agrees with the experimentally calculated values of 0.282
eV34 and 0.330 eV.9,35. If we calculate the ionic conductivities,
see table 4, we do get ionic conductivities that are comparable to
experimental bulk measurements giving further confidence in our
computational models and hence the interesting results presented
above.
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4 Conclusions
This paper presents a collaborative and systematic study to high-
light the sensitivities of synthesising LATP and correlating this to
observed properties. Computationally, an interatomic potential
model for Li1+xAlxTi2−x(PO4)3 has been refined to represent the
experimental crystal structural properties and the x=0.4 compo-
sition has been studied using molecular dynamics to sample Li+

ion diffusion in the material. The pathway reported here, via the
M2(18e) sites, is the same as has been experimentally observed
by others.9 In the best fit to neutron diffraction data reported
by Dashjav and Tietz,7 it was proposed that Li+ ions inhabit the
M1′(6a) sites. However, the molecular dynamic studies under-
taken here suggest that these sites are unfavourable, a proposal
which is reaffirmed through DFT calculations, but highlighting the
sensitivity of diffusivity with synthesis conditions.

Fig. 7 Diffusion coefficients for Li+ ions in LATP as a function of
temperature. Individual datasets for each configuration have been given
in the supplementary information.

The experimental data shown in this work give no evidence for
Li on the M1(6a) site, in agreement with the DFT calculations, in
contrast to the results given by Dashjav and Tietz.7 The reason
strongly points towards the different preparation route, where the
high temperature solid state reaction may result in reaction prod-
ucts that are not in thermodynamic equilibrium. The low temper-
ature route used in this work results in a distribution of Li+ ions
that is found to be energetically favourable by DFT calculations.

This is a significant finding, particularly when scaling up the
manufacture of such solid-state materials for battery applications.
Given that a wide range of high temperature procedures are avail-
able to the synthetic materials scientist, a wide range of possible
atomic configurations may be synthesized, and these must be con-
sidered when searching for diffusion pathways. This study is the
first to take a starting configuration in which the M1′(6a) sites
are occupied. However, the initial occupation of these sites was
not observed to cause a significant deviation from the M1(6b)-
M2(18e)-M1(6b) pathway. Furthermore, the system relaxed dur-
ing the course of the simulation, and then recovered behaviour

which was seen to closely match experimental data, such as dif-
fusion constants, activation barriers, and statistical relationships
with respect to substitution of titanium for aluminium.
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